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Combining in an additive or synergetic manner the most potent strengthening mechanisms 
available in an alloy is the art of the metallurgist. The various models proposed in the literature 
in order to interpret the HalI-Petch relation are critically reviewed by comparison with exper- 
imental data. The pile-up models and the work hardening theories must include the inner 
structure of the grain in the case of alloys hardened by a second phase. Similarly, the proper- 
ties and structure of the grain boundaries are influenced by impurities or the presence of par- 
ticles. Ultra-fine grain sizes can provide ductility to high strength materials when surface 
preparation eliminates microcracks. 

In steady-state creep equations, introducing the influence of grain size in complex alloys by 
incorporating the HalI-Petch stress as one component of the internal stress helps in rationaliz- 
ing the existence of an optimal grain size where creep resistance is maximized. Slower crack 
growth rates can be obtained by controlling the grain boundary structure as well as grain size. 
Fatigue tests at room temperature clearly point out the interest of small grain sizes for reducing 
crack initiation, usually associated, however, with lower propagation threshold and somewhat 
faster growth rates. 

1. I n t r o d u c t i o n  
The influence of grain size on mechanical properties is 
complex since the grain boundaries may either act as 
obstacles to dislocation slip (strengthening effect) or 
provide a positive contribution to the deformation of 
the material (softening effect). The importance of 
these two opposite effects depends on temperature as 
illustrated by the work of Kutumba Rao et al. [1] 
(Fig. 1). 

The cross-over temperature, Tc, is not a well- 
defined physical parameter since, for a given alloy, 
it depends on the microstructure and on the defor- 
mation rate. The general trend is for Tc to increase 
when the yield stress increases. For instance Fig. 2 is 
taken from results of Gibbons and Hopkins [2] on 
Ni-based alloys containing various amounts of the 
strengthening, <, phase: at 750~ the solid solution 
with its low yield stress is still in the T < Tc domain, 
whereas the strongest alloys (19% and 31% 7') are 
well above Tc. In all cases Tc is generally higher than 
0.5 Tin, where T,, is the melting temperature. 

We shall study successively the two domains. Below 
To we will be concerned mainly with the Hall-Perch 
law. We shall compare the experimental results and 
the various theories and show that there are good 
theoretical reasons for the deviation from the Hall-  
Petch law at very small grain sizes. 

The second part of this paper will be devoted to 

high temperature plasticity where the contribution of 
the grain boundary deformation becomes important. 

The third part will be concerned with the influence 
of grain size on the mechanical behaviour during 
cyclic deformation at room temperature. The discus- 
sion will be focused frequently on nickel and Ni-based 
alloys (solid solutions and 7-7' superalloys). When 
experimental results are available we shall examine 
whether the behaviour of materials with ultra-fine 
grain sizes is the same as that of alloys with large 
grains. With the progress of rapid solidification 
techniques, metallic alloys with grain sizes in the 
submicron range are now manufactured which have a 
growing technological importance [3]. 

2. Deformation at low temperature 
(the HalI-Petch law) 

2.1. The models 
In most cases the flow stress at low temperature ~r 
depends on the grain size according to the Hall-Perch 
relationship [4, 5]: 

a = a o + k d  -I/2 (1) 

where a0 is a friction stress and k is the Hall-Petch 
coefficient. Many of the models elaborated in order to 
interpret this phenomenological equation, have been 
based on dislocation theory. They have been reviewed 
by Li and Chou [6] and a detailed account of the 
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Figure  1 Influence of grain size on the flow stress at 0.2% and 5% 
strain in manganese stainless steel. The range of temperature is 
straddling the cross-over point Tc [1]. 

experimental results on steels was drawn recently by 
Armstrong [7]. 

Existing models can be classified into three broad 
categories. (The main equations derived from these 
theories are gathered in Table I; the Perch slope, k, is 
given as a function of the shear modulus, G.) 

1. Pile-up models. The deformation propagates in 
the polycrystal when a critical stress zc is reached at the 
tip of the pile-ups [4, 5, 8, 9]. The initial models for the 
yield point were extended to describe the flow stress at 
strain g (see Table I, Relations c and d [10, l 1]). 

2. The work-hardening theories. These are based on 
a linear relationship between the flow stress and 
the square root of the dislocation density 0. Ashby 
[12] made the distinction between two types of dis- 
locations: 
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Figure  2 Influence of  grain size on creep at 750 ~ C rate in Ni Cr 
based alloys with various volume fractions of 7' precipitates [2]. 

the statistical dislocations of density Os = 
e(b/2)  where 2 is the average slip length and e is the 
strain amplitude. 

the geometrically necessary dislocation of den- 
sity, 0c = e / ( 4 b d ) .  

Coefficient k in Relation 1 is then proportional to g,/2 

(Relation e in Table I), it is also a function of 
through 2. 

For  Thompson e t  al. [13] 0s is randomly spread over 
the entire grain whereas 0~ is more concentrated in the 
vicinity of the boundaries; with this heterogeneous 
distribution of dislocations the expression of  the flow 
stress is more complicated (Relation f in Table I). It 
reduces to Equation 1 only if 2 = d. 

T A B  LE I Various attempts to rationalize the Hall-Petch relation 

Model Conditions Equations 

Pile-up models At the yield stress (YS) [4, 5, 7, 9] 
simple-pile-ups of infinitely straight 
mixed dislocations 

Work hardening 

Composite 

simple pile-ups of  loops 

(% is the critical YS of the grain boundary) 

At a given strain e [10, 1 l] 

Ashby's model [12] 

Thompson e t  aL [13] 

Thompson et  al. [13] Equation f 

GB source model: Li [14, 15] 

Core-mantle models: Kocks [16] 

/ \1/2 

k ~- 2 G(b) ~/2 (b) 

= a0 + X~ (c) 

k = k o + f l sm  (d) 

k = ~G(b) 1/2 + ~1/2 (e) 

a = a o + I - ~ + d d  t/2 (1) 

k = 0.4 Gb(301)1/2 (g) 

k =  0.4 Gb (8~--s176 (g') 

z = z 0 1 + ~ - 1 (h) 

z 0 = flow stress of the grain interior (core) 
% = flow stress of the grain boundary region (mantle) 
t = thickness of the mantle which depends on e but on neither z 0 nor z B. 
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Figure 3 Effect of  alloying on the k constant  of  the Hall-Perch 
relation in Ni-based materials at room temperature: (a) large grain 
sizes ( > 1 #m); (b) small grain sizes. 
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3. Theories based on the intrinsic properties of  the 
grain boundary interface. In the first group we find the 
grain boundary source models. Coefficient k is then a 
function of  the density of  grain boundary sources, Q~, 
[14] or of the total length of  dislocations emitted per 
unit area of  grain boundary, ~D [15]. 

In a second group the polycrystal is described as a 
composite material where the interior of the grain has 
a flow stress rG, whereas an area of  thickness t, along 
the boundaries has a flow stress % [16]. The Hall-Perch 
relation does not hold in this case since the yield stress 
is a function of d 1. This relation is expected to be 
valid at very small grain sizes where t -~ d. 

2.2. Comparison with experimental results 
2,2. 1. The HalI-Petch slope for the gieM 

stress 
The Hall-Petch law is quite generally verified by 

nickel and its alloys [17-22]. Results for pure nickel, 
Ni-based solid solutions and superalloys are sketched 
in Fig. 3a, b. The corresponding values of the slope 
k are collected in Table II. For  unalloyed nickel 
the mean value is k -~ 0 . 2 5 M N m  -3/2 -~ E(b)l/2/15, 
where E is Young's modulus and b is the Burger's 
vector. Similar values of the k/E ratio are found in 
other f c c  metals such as copper and aluminium. In 
h c c metals the Hall-Petch slope is generally 2 to 3 
times higher than in f c c  metals [10]. 

A typical pile-up model such as Expression a in 
Table I yields values of  the critical stress for the yield- 
ing of  grain boundaries, ro = G/100, when using the 
experimental data for k. The major short-coming of  
such model is to lead to values ofr~ which are indepen- 
dent of  all microstructural aspects of  the material: the 
role of  impurities, precipitates, particles, strain and 
grain boundary structure must be taken into account. 

2.2,2, The influence of composition 
In the case of  alloys, it is difficult to separate the 
influence of  grain size from that of  other microstruc- 
tural features: texture, size and volume fraction of 
precipitates. The structural parameters affect a0 quite 
directly. However, a careful examination of Table II 
indicates that k also increases with the strength of the 
alloy (k = 0.7 for the 7' strengthened alloy Rend 80) 
(Fig. 3). From Fig. 3a, it seems that cobalt does not 
increase k whereas carbon and chromium have a large 
strengthening influence. 

The effect of the spread in the grain size distribution 
is usually not considered in most studies. The shape of 
the grain size histogram can be an important par- 
ameter [27], either when the grains are flat or elon- 
gated (pancake structures) or when there is a wide 
spread of  sizes around the value of  the mean diameter: 
necklace structures in 7-~' superalloys for instance. It 
is also clear that grain boundary hardening can be 
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T A B  LE I 1 Parameters of  the Hall-Petch relation. Values at 300 K 

Composition Grain size k % Reference 
(/~m) (M Nm - 3/2 ) (M Pa) 

Ni 1-130 0.16 22 [23] 
Ni, 1-22 ppm S 100-1000 0.3-0.6 30 [24] 
Ni, 2 0 - 8 1 0 p p m C  15 100 0.15-0.25 15 30 [17] 
Ni, 600-2000 ppm C 10-250 0.24-0.6 15-25 [19] 
Ni, 10ppm C 0.2 200 0.35 < 10 [25] 
Ni, 60 Co, 70-590ppm C 5 100 0.25-0.30 25 50 [17] 
Ni-2 ThO 2 0.2-50 0.3 150 [25] 
Ren6 80 0.5 17 0.7 700 [22] 
Ni-A1 5 - 120 0.16 150 [26] 

outweighed by the presence of other strong interfaces. 
In two-phase lamellar alloys such as Ni/Nb3Nb, the 
spacing between incoherent interfaces becomes much 
smaller than the grain diameter. The Hall-Petch law 
then correlates the yield stress of the composite 
material with the distance between interfaces. 

Recently Werner and Stfiwe [28] examined the case 
of dual-phase brass with various grain size distri- 
butions and proportions. They reported that the 
plastic flow of these ~-/~ mixtures was influenced by 
the density of grain and phase boundaries. In struc- 
tures where the preferentially deformed phase is of 
high contiguity, grain boundaries of this phase act as 
dislocation obstacles, whereas the phase boundaries 
act as the predominant dislocation obstacles when the 
preferentially deformed phase is of low contiguity. 
The measured value of the Hall-Petch coefficient, k, 
for the dual-phase material is not very sensitive to the 
proportion of the two phases but more to their con- 
tiguity and is directly related to U -B, characterizing the 
high strength of the ~-/3 interphase, rather than to U -~ 
or k ~-~, characterizing, respectively, the grain bound- 
aries of each phase which are much weaker. 

In precipitation and/or particle hardened alloys, the 
effect of the grain size may become secondary as the 
density of dislocation barriers and sources may be 
drastically increased. This was first established by 
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Figure 4 The variation of  yield strength (YS) at 300K for three 
different ageing conditions in Al-based PM 7091 alloy with average 
grain size, d [30]. (o)  UA (12I ~ C/2 h), (A) PA (121 ~ C/24 h), ( I )  OA 
(PA + 163~ 
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Wert [29] in Alloy 7075 and confirmed by the work of 
Kim and Griffith [30] on another powder metallurgy 
(PM) aluminium alloy (Alloy 7091) containing both 
oxide particles and Co2A19 precipitates whose sizes are 
controlled by heat treatment. If in the underaged con- 
dition (UA in Fig. 4) the Hall-Petch effect is observed 
for 2 to 50#m size grains, it is the contrary for the 
peak-aged (PA) and averaged (OA) states, the YS is, 
then, grain-size independent from 8 to 1000 #m. 

By introducing various amounts of aluminium into 
a Cu-based alloy Higo et al. [27] could modify the 
stacking fault energy (SFE) of the material and corre- 
late more planar slip, associated with lower SFE, with 
higher values of the Hall-Perch coefficient (Fig. 5). 

2.2.3. Extens ion  o f  the HalI-Petch law to 
larger strains 

As Meakin and Petch [11] anticipated, k is often found 
to increase with e. An example of the k(e) variation is 
given on Fig. 6. In pure aluminium and copper, non- 
monotonic variations were reported by Hansen [32] 
who also introduced the effect of temperature and of 
A1203 particles. The study of k(~) is a good test for 
the yield stress model and for the work-hardening 
theories. 

In Fig. 6, for pure nickel k = A(s) j/2, in agreement 
with Expressions d and e of Table I. On the contrary 
NiCo alloys do not appear to exhibit parabolic 
hardening. In fact, it seems that a full account of the 
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Figure 5 Variation of 0.1% proof stress with grain size in some 
Cu-based alloys at room temperature. Effect of SFE [31]. (e)  Cu, 
ay = 36 + 0.t04d u~ (R) Cu-2A1, ay = 36 + 0.21d -h/z, (A) 
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(x) Cu [101, ( + )  Cu-39Zn  [10]. 
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Figure 6 Variation of  the Hall-Perch slope with strain in pure nickel 
and Ni-60  Co with 200ppm C [17]. ( e )  Ni, (rq) Ni -60  Co. 

strain effect must include a detailed description of the 
dislocation distribution inside the grains. Such a 
model introduced by Thompson et aL [13] is based on 
the presence of statistically distributed dislocations in 
the grains and of geometrically necessary dislocations 
[12] near the boundaries. These assumptions are sup- 
ported by recent observations made by Barlow et al. 
[33] in Nimonic 115. The flow stress in this model is 
given by Expression f in Table I, the relevant par- 
ameter being the average slip length, 2. Through an 
appropriate variation 2(d, ~) (Fig. 7), Thompson [23] 
was able to explain the following features observed 
during plastic deformation in pure nicker: 

(a) For small values of 2/d, i.e. for large e and large 
d, Expression f, where ks and k~ are two constants, 
reduces down to: 

o-~- a 0 +  1 -  T (2) 

thus the flow stres is now increasing with grain size at 
large strains, and the tendency for the stress-strain 
curves of materials with larger grain sizes (130/zm) to 
cross-over that of materials with smaller grain sizes 
(2/~m) is well interpreted (Fig. 8). 

The fine substructure (pile-ups and deformation 
cells) which builds up in the vicinity of grain bound- 
aries for large grain sizes due to strain incompatibility 
is evidenced at large strains under strain rate and 
temperature conditions where recovery is insignificant 
(Fig. 9a). 

(b) For very small grain sizes (d < 1/~m) the 2(d, e) 
dependence is such that the flow stress is no longer 
influenced by the grain size, in agreement with the 
experimental results of Thompson (Fig. 3b). This 
effect will be discussed in the paragraph on ultra-fine 
grain sizes (see Section 2.3.). 
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Figure 7 Calculated dependence of slip length on strain for a 
number of grain sizes ~23]. 
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Figure 8 True stress-true strain curves for two grain sizes (2 and 
I30gm) and a (l 1 1) single crystal of pure nickel [23]. 

2.2.4. The influence of grain boundary 
structure 

A grain boundary may look geometrically perfect 
(Fig. 10a) or contain defects such as ledges or extrinsic 
dislocations (Fig. 10b). The number of these defects 
depends on several parameters which are not all inde- 
pendent: 

(a) strain 
(b) duration and temperature of annealing treat- 

ment 
(c) cooling rate after annealing 
(d) impurity content of the grain boundaries 
(e) relative crystallographic orientation between 

grains 
(f) grain size 

Several investigations have indicated that the Hall- 
Petch slope, k, was sensitive to these same parameters 
[24, 35, 36]. TEM observations have repeatedly shown 
that dislocations are emitted from the ledges [37, 38]. 
Therefore it seems reasonable to correlate k with 
the density of grain boundary sources as done by Li 
[14, 151. 

In pure nickel Venkatesh and Murr [39] were able to 
increase the/edge density, 0L, by deforming plastically 
the metal prior to annealing treatment. They found 
(Fig. 11) that the Hall-Petch slope was a linear func- 
tion of 0L: 

k = ko(e ) + AOL (A = 12 x 10 -3Nm ~/2) (3) 

Assuming that ~C in Equation g, Table I, which is the 
source density in the grain boundaries, is in the case of 
ledges proportional to ~0C, Li's model would suggest a 
dependence proportional to (0L) L/2 rather than the 
experimentally observed linear dependence: the ledge 
model, if in need of further theoretical refinement, 
seems to be well documented experimentally. 

The crucial role played by the physico-chemical 
structure of the grain boundary is well illustrated by 
the work of Floreen and Westbrook [24]. These 
authors found that the addition of a few ppm of 
sulphur in nickel strongly modified the slope k 
(Fig. 12); sulphur is known to segregate to the grain 
boundaries of nickel thus increasing the density of 
grain boundary defects; this effect would explain the 
rapid increase of k when the sulphur content is raised 
from 0 to 3 ppm; above 3ppm the decrease of k is 
likeIy to result from the inhibition of the grain bound- 
ary sources by the sulphur atoms in excess. 
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According to these observations the pile-up theories 
have to be rejected; however, other results are in con- 
tradiction with this conclusion, for example Bernstein 
and Rath [40] were able to vary, by heat treatment, the 
density of  GB ledges in purified iron. They found, on 
the one hand that this density was only slightly sensi- 
tive to the interstitial concentration in the boundary, 
and on the other hand that no correlation could be 
found between k and the density of ledges. Thus the 
only firm conclusion of this is that k may depend on 
the boundary structure in many materials. 

Among the currently used theories, only the grain 
boundary source models offer a simple explanation 
for this effect; however the GB structure can be intro- 
duced in the pile-up models through appropriate 
expressions of % which would include some of the 
parameters mentioned earlier. The scarcity of  detailed 
microstructural observations makes it difficult to 
select the correct model in most cases. However, it 
seems likely that an actual description of the poly- 
crystal deformation should take into account both the 
production of dislocations at GB sources and the 
piling-up of dislocations against the boundaries. 

2.3. The case of the ultra-fine grains 
2.3. 1. The models 
At very small grain sizes dislocation models are mean- 
ingful only within the following limitations: 

(a) Pile-ups should exist: if N is the number of 
dislocations in the pile-up the condition is N >> 1 with 

-cd 
N --- ~-~ (1 - v) (4) 

where r is the shear stress and v is Poisson's ratio. 
Assuming that the stress is given by the Hall-Petch 
relation (Equation 1) where a0 is neglected, we find 

j 
in f c c  metals where v = 0.3 and k ~- G(b)~/2/15 the 

Figure 9 Intergranular sub- 
structures developing: (a) at 
high strain rate and/or low 
temperature; (b) at high tem- 
perature and/or small flow 
rates where recovery processes 
are important [34]. 

practical limit is of the order of  d ~> 450b ~- 0.1/~m 
which would still include the case of  all superplastic 
materials. 

(b) In a dislocation source model, the Hall-Perch 
stress must be higher than the stress, as, necessary to 
activate a source. As the maximum length of a source 
is limited by the grain size, d, this condition reads 
kd -1/2 ~ Gb/2d or 

d ~> \ 2 k J  (6) 

which yields in metallic materials d > 60b -~ 0.015 #m. 
A value difficult to reach experimentally. 

(c) The Hall-Petch stress must be smaller than the 
theoretical yield strength G/20, it yields approximately 
d > b. It is not a very meaningful limitation but 
shows that the extrapolation of Equation 1 to the 
amorphous material gives a yield stress equal to the 
theoretical yield strength. 

2.3.2. Experimental observations 
We have indicated above that the pile-up theories 
were limited to grain sizes higher than 0.1 #m. More- 
over, the strength of polycrystal is expected to be 
modified in the case of ultra-fine grains since the 
plastically deformed region of the grain adjacent to 
the boundary (Fig. 9a) is now involving most of the 
grain itself. 

There are no experimental results in metallic alloys 
for grains smaller than 0.1/~m, the extrapolation of 
the Hall-Petch relation to the minimum physical grain 
size d = b gives a yield stress a = El15, which is 
about three times higher than the observed yield stress 
in amorphous metals: ~ -~ El50 [41]. If the amor- 
phous material can be considered as a polycrystal with 
grain size b, a negative deviation from the Hall-Petch 
law is to be expected. Such a deviation was found in 
pure nickel by Thompson et al. [13], who measured a 
yield stress independent of the grain size below 1 #m 
(Fig. 3b). In Section 2.2 we saw that Thompson 
explained this result by an appropriate variation of the 

Figure 10 Aspect of grain boundaries in a Ni-based solid solution: (a) GB without imperfections; (b) GB with ledges. 
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Figure 1] Graph showing the variation of Hall Petch slope against 
grain boundary ledge density corresponding to: (a) 0.025%, 
(b) 0.1% and (c) 0.2% offset strains, respectively. Notice the slope 
of these plots is a constant [39]. 

slip length, 2, as a function of d and ~. According 
to the same author [20] 2 can be also considered as 
the dislocation cell-size; these cells resulting from the 
rearrangement of the dislocations in the crystal play 
an important role in low temperature deformation. 

The formation of cells decreases the elastic energy 
stored in the material. The difference between large- 
grained and fine-grained materials might correspond 
to the possibility of cell formation. Cells can form 
without difficulty in large grains, since their size and 
thus the slip length are a decreasing function of defor- 
mation. However, if d is smaller than the most favour- 
able cell size the cell structure cannot form, and the 
slip distance is then always equal to at. 

The results of Wilcox and Clauer [18, 25] on drawn 
nickel wires evidenced the high strengthening effect of 
the cell boundaries. Their results are plotted on 
Fig. 3b as a function of cell size, d; the cell struc- 
ture was, in this case, the consequence of thermo- 
mechanical treatment; the yield stress obeys the Hall- 
Petch law for cell sizes smaller than 1 #m. 

The low yield stresses found by Thompson below 
1 #m could then be the consequence of the absence of 
dislocation cells; another interpretation could also be 
found in the fact that the fine-grained nickel was 
obtained by electrodeposition, In materials elaborated 
by this process, adjacent grains are often in twin 
orientation, this special type of grain boundary 
(Z = 3) might have different properties from the 
random grain boundaries found in large grained 
nickel. 

A negative deviation from the Hall-Petch law was 
also obtained by Abrahamson [42] in the case of steels 
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Figure 12 The dependence of the Hall-Petch parameter, k, on the 
sulphur content of pure nickel [24]. 

with a grain size smaller than 1#m. According to 
Armstrong [43], this anomalous deviation might have 
an extrinsic origin: yielding in ultra-fine grain 
materials would initiate on microcracks or other stress 
concentration generators such as inclusions, holes or 
surface defects of a size now larger than the grain size 
itself. This interpretation seems reasonable since the 
more recent measurements of yield stress in fine- 
grained alloys do not exhibit any negative anomaly 
below 1 #m. For example, Taub el al. [22] found that 
the laboratory prepared RSR Rend 80 alloy obeyed 
the Hall-Petch law to 0.3 #m (Fig. 3b). 

The suggestion that a should be proportional to d -  
at small grain sizes due to the influence of the grain 
boundary zone [16] received no convincing exper- 
imental confirmation. Such a variation was effectively 
reported in aluminium alloys with grains smaller than 
10#m [44], but the a = A d  -1 relation was only true 
in the domain where deformation developed hetero- 
geneously by Lfiders bands. When the deformation 
was homogeneous the Hall-Petch relation was veri- 
fied. The only perculiarity of the fine-grained alloys 
was that the slope k was almost independent of strain, 
in contrast with the large grained alloys. A feature that 
they share with the ODS alloys [32] where the strong 
obstacles are more closely spaced than the GB them- 
selves. Microstructural observations confirmed that, 
for grain sizes below the micron range, the slip 
distance was equal to the grain diameter so that the 
grain interior was free of dislocations, even after a 
large plastic deformation. 

In conclusion the Hall-Petch law seems to describe 
correctly the strengthening effect provided by the 
grain boundaries even for sizes smaller than 1 #m; 
however, the strain dependence of k vanishes at small 
sizes. Due to the lack of experimental results it is not 
yet possible to conclude whether or not there is a 
breakdown of the law below 0.1 #m as the pile-up 
model would suggest. 

2 .3 .3 .  D u c t i l i t y  
A reduction in grain size can have several beneficial 
effects. It can delay crack nucleation and increase 
ductility by: 

(a) reducing the slip length and therefore the stress 
concentrations 

(b) reducing the importance of the Von Mises 
criterion: as multiple slip is usually fairly general in the 
vicinity of grain boundaries, the smaller the grain size, 
the more homogeneous the deformation. 

The beneficial effect of a reduced grain size is illus- 
trated in Fig. 13 by comparison of the ductility at low 
temperature ( < 700 ~ C) between large-grained IN 738 
and the same alloy obtained by plasma spraying 
(d -~ 2 #m) [45]. A drastic increase in ductility can be 
obtained as a result of grain refinement in brittle 
materials, such as intermetallic compounds NiBA1 [46] 
and NiA1 [47] prepared by rapid solidification. The 
ductility of NiA1 at 400~ is larger than 10% when 
d < 20#m (Fig. 14). 

In Ni3A1 with grain sizes smaller than 5 #m, elon- 
gations up to 30% were obtained at room temperature 
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Figure 13 Ductility against temperature in fine grain and large grain 
IN 738 [45], 

[26]. In the case of Ni3 A1 several investigations [26, 48] 
have emphasized that for a given grain size, the 
ductility was also very sensitive to small additions of 
boron. As this element segregates to the grain bound- 
aries, it can increase the resistance to intergranular 
crack propagation. It is also quite likely that some 
features of  the structure after rapid quenching, the size 
of the anti-phase domain for instance, are very sensi- 
tive to composition. This can in turn have an influence 
on the ductility [49]. 

As discussed recently by Schulson [50], a material is 
ductile if the yield stress, as given by the Hall Perch 
relation, is smaller than the stress sufficient to 
propagate a microcrack at length 2a = d. This leads 
to the following condition for ductility 

~ro -k- k d  -1/2 < Y K I c ( 2 g a )  -1/2 (7) 

where Y is a constant. A critical grain size, above 
which ductility is impaired can thus be defined as 

d~ = y, (K,c ~o k )  2 (8) 
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Figure 15 Variation in minimum ductility temperature, TDM, with 
l/d: �9 - AISI 316 steel, [] Inconel X750 [52] 

where Y' _~ 1 is a geometrical parameter. A similar 
criterion was introduced years ago by Cottrell [51] in 
order to explain the shift in the ductile-brittle transi- 
tion with grain size in carbon steels. 

The application of  this criterion to Ni-based super- 
alloys where K lc=  7 0 M P a m  ~/2 yields dc = 10mm, 
a condition which is easily fulfilled in common practice. 
On the other hand, in brittle intermetallic materials 
such as Ni A1, the critical grain size can be estimated 
at do ~ 50/~m [47]. This rather small value could well 
explain why such very small grain sizes are required in 
order to ensure some ductility. 

In austenitic stainless steel Mannan et al. [52] 
reported a sharp increase in ductility with grain size 
until an optimal value was reached around 100/zna at 
room temperature and around 200-300#m at tem- 
peratures up to 850 ~ C. The temperature of the ductility 
minimum, a feature common to most fc c alloys, was 
found to increase with increasing grain size (Fig. 15) 
and to correspond to the occurrence of intergranular 
fracture caused by a maximum of grain boundary 
sliding and a lack of  stress-relieving mechanisms such 
as fast recovery or recrystallization. 

3.  I n f l u e n c e  o f  g r a i n  s i z e  o n  t h e  c r e e p  
p r o p e r t i e s  

3.1. Steady-state creep rate 
When deformation occurs by slip and climb of  dis- 
locations, the creep rate is theoretically independent 
of grain size; however, we shall see later that a 
strengthening effect of  the grain boundaries is fre- 
quently observed at low temperature and high stresses. 
On the other hand when recovery processes are acti- 
vated, they are enhanced in the vicinity of the grain 
boundaries where subgrains larger than in the grain 
interior (Fig. 9b) are often observed at high tem- 
perature [34]. 

In all the mechanisms where a diffusional transport 
of  atoms is involved the grain size is an important 
parameter. Two types of mechanisms are concerned: 
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T A B L E  I l l  Creep mechanisms 

Mechanisms Equation for is (sec -I)  Remarks 

Dislocation climb 

Diffusional creep 

Nabarro-Herr ing (bulk) 

CoNe (grain boundaries) 

Ashb~Verra l l  (diffusion accommodated flow) 

GB sliding 

Controlled by GB diffusion 

Controlled by lattice diffusion 

Harper-Dorn 

Gb { % 45 ~ = AD a A -~ ]0 6 
kT  \ G }  (I) G = shear modulus 

c b  (b~2 a 8 -~ 30 

~s = BD ~\~l} -G (2a) Threshold stress -~ l0 7G 

~ (2b) b 
k~ = C ~ G Threshold stress G 

I- ,oo 
= F D ~ t ~ / )  (a -- r  + d \  D J l  5 = GB thickness 

0.7F 
(2c) Threshold stress a I = d 

F = GB free energy 

~ = HDoB-~ (3a) H - ~  8 x 105 

~, : LD kT\dJ (3b) L -~ 107 

Gb a 
= MD k~-G (4) M -~ 10-" 

either purely diffusional mechanisms such as Nabarro 
Herring and Coble creep or grain boundary sliding 
mechanisms. The creep rate is then a decreasing func- 
tion of  the grgin size, e~ = Ad-". If  the diffusion 
path goes through the bulk of  the grain then n = 2; 
if it involves the grain boundary area then n = 3. 
Some constitutive equations for creep are gathered in 
Table III. 

When several independent processes are activated, 
the controlling mechanism is that giving the highest 
creep rate under the predetermined conditions of tem- 
perature, T, stress, a, and grain size, d. At a given 
value of these three parameters, two-dimensional 
deformation maps can be drawn. The grain size is 
often chosen as a fixed parameter. 

The first deformation maps were calculated by 
Ashby [53] in the a -Tp lane .  They were later refined to 
take into account the grain size [54, 55] and the 
various types of  grain boundary sliding [56, 57]. 

Fig. 16 is an example of  a normalized r/G against 
T/T~ map for nickel with d = 10#m. In this case the 
deformation is controlled by GB diffusion or GB 
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Figure 16 Normalized stress against temperature map for the 
deformation mechanism of  nickel at d = 10#m [56]. 

sliding m most of the experimental conditions. Fig. 17 
is a normalized d/b against T/Tm map drawn for 
aluminium and is quite typical of  fc c alloys with a 
high stacking fault energy. It shows that at grain sizes 
below 104b and for a normalized stress of  5 x 104, 
grain boundary sliding is controlling deformation in 
fc c materials. 

The mechanical properties of metallic alloys with 
submicronic grain sizes are yet to be explored but 
much interest is devoted to them since they could be 
very attractive at intermediate temperatures (T ~- 
0.5 Tin)- In ceramic materials (MgO) for instance, 
Crampon and Escaig [58] could reach elongations of 
about 80% at 1000-1100~ on samples with 0.1 #m 
grain size in an otherwise very brittle material. Similar 
improvements might be achieved in metals and alloys 
since they seem to result from the extended domain 
where Coble creep is controlling deformation. 
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Figure 17 Normalized grain size against temperature map for 
- 5 x 10 4G in aluminium [56]. 
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3. 1.1. Experimental results on N i -based  
alloys 

Above 0.5 Tm the secondary creep rate in most 
superalloys is generally a decreasing function of d 
when d < 100#m. The lack of creep resistance of 
small grain materials is usually attributed to intense 
GB sliding. An example is given on Fig. l 8 for a series 
of alloys containing various 7' volume fractions,f, .  At 
small grain sizes the steady-state creep rate ~s is 
proportional to d 2 which indicates that the defor- 
mation rate is controlled by lattice diffusion [59]. 

o 
I . SINGLE CRYSTAL 
I ~ /L IMIT ~5(Ea'~) 

o I 
, p i I , ,~ 

1.0 O'OPT, 10 3 d (I~m) 

Figure 19 Existence of an optimal grain size for which the minimal 
creep rate i s is lowest. A schematic representation of Equation I 1 in 
a superalioy with fv = 20% tested at 800~ under 150 MPa, for 
instance. 

According to the models a dislocation climb mech- 
anism should become dominant above a critical grain 
size, d~, and ~s should then be independent of d 
(Table III). In fact, an optimal value of the grain size 
dop~ can be defined where ~s is minimal as shown 
schematically on Fig. 19. This observation is quite 
general and has been reported in other metallic alloys 
[60]. It brings compelling evidence that both the 
strengthening effect of the grain boundary and its 
ability to act as a preferential path for deformation 
should be included in a complete description of the 
steady-state creep rate. As a first approach we can 
choose Expression 3b (Table III) in order to describe 
the contribution of the grain boundaries to the steady- 
state creep rate when o- a is the applied stress, and add 
it to an expression similar to Equation 1 (Table III) for 
the description of the dislocation creep mechanism: 

i~ = 107 D k ~  + 106D k ~ \ G / '  (9) 

where D is the diffusion coefficient at temperature T, 
k0 is Boltzmann's constant, o% = aa - ai is the effec- 
tive stress experienced by the dislocations and cri the 
internal stress inside the material. In second phase 
hardened alloys ai plays a major role in creep equations 
and can be related to the particle size and distribution 
[61, 62]. In order to include grain size effects as well, 
we suggest taking 

where % is to be associated with microstructural 
hardening. Then Equation 9 becomes 
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~s = 106D k ~  

7'] + d 

(11) 

These two contributions can be represented separately ~" 10-7 i 
by Curve 1 (Fig. 19) with ~s decreasing rapidly as the _~ ; 
grain size is increased (d-2), and Curve 2 describing 
the slowly growing contribution of the intragranular "~ 
phenomena to the general plastic flow of the material 
as grains become larger ( - d  1/2). This latter contri- a: < 10-8 
bution saturates as d goes to infinity and ~s tends a_ LIJ 
toward the creep rate for a single crystal under an w or- 
effective stress ~ (0- a - - (TO).  In former models [60] o 
containing a term proportional to d 2, the creep of ~-t~ < 
large grain or single crystal materials could not be ~- 

CO 

adequately described. With this approach, an optimal >_ 10- 9 Q 
grain size of < 

Ld 

dop t = 4 a~ ab  (12) 
kC% l 

can be derived from Equation 11 by looking for the 10-lO 
value of d which ensures 

5xlo -1 
8~ 0 

- 0 

8d 

Taking the value of k for nickel from Table II and 
% = 0.2a, for an applied stress of 10-3G, yields 
dop~ = 5 x 105b __ 100#m a value in good agree- 
ment with Fig. 18 and other results [60, 61, 63, 64]. For 
a given internal microstructure of a two-phase alloy a0 
is constant and at: 

a high applied stress o a >~ o i then a~/~r e -~ 1 and dopt 
is smaller (Fig. 19): snmller grain sizes are preferred at 
intermediate temperature under high loads. 

a low appliedstress aa ~- ~ then aa/ae >> 1, the value 
of dopt increases. This is usually the case at high tem- 
perature (0.8 to 0.95 Tin) where creep stresses below the 
yield stress are usual and larger grain sizes ensure 
better creep resistance. 
At very high temperatures, as in turbine blades for 
instance, ~ for the single crystal, with an optimal 
distribution of the hardening phase, may be so low 
that the single crystal becomes the solution providing 
the highest creep resistance. In other words, taking full 
advantage of the internal strengthening mechanisms 
and the fine grain structure is only possible at low 
temperatures where the strength of the grain and of 
the boundaries lie in the same range. At high tem- 
peratures, the high creep resistance brought to the 
matrix by oxides, carbides, and/or precipitates cannot 
usually be matched by that of grain boundaries. Even 
in single-phase alloys such as 316-type stainless steels 
(Fig. 20) this model seems to describe rather well the 
region of the optimal size and of the large grain sizes, 
which has been explore(t recently by Mannan and 
Rodriguez [64]. 

In Ni-based superalloys, at grain sizes smaller than 
10/~m, superplastic behaviour can be obtained at a 
temperature between 0.5 T m and the < solvus. The 
gatorizing process (registered by the PWA corpor- 

J 

011 0!2 0!3 0!4 0!5  Or.6 0"7 
dlmm) 

Figure 20 Variation of the steady-state creep rate d~ with grain size 
for various stresses at 600~ in a 316-type stainless steel (d is the 
grain diameter) [64]. Stress (MNm 2): (if]) 260, (m) 220, (v) 200, (a)  
180, (o) 150. 

ation) is a method for obtaining superalloys with a 
small grain size (d -~ 1 #m) suitable for superplastic 
deformation. Superplastic behaviour was demon- 
strated in a number of superalloys such as, for instance 
IN 100 [65, 66] and MAR M 200 [67]. The role of GB 
sliding during superplastic deformation has been firmly 
established by Gifkins [68] in a number of alloys. 

Superplasticity was always observed when the 
following conditions were fulfilled: the grain must be 
fine and equiaxed, the volume fraction fv(7') high 
enough so that the microstructure is stable above 
0.hTm; the strain rate sensitivity rn = d( log 09/ 
d(log ~) is generally around 0.5. Although m = 0.5 is 
coherent with a GB sliding mechanism, microstruc- 
rural studies led to the conclusion that the defor- 
mation process was complex with several mechanisms 
occurring simultaneously [69]. This experimentally 
measured contribution of GB sliding is often found to 
reach 50% of the superplastic deformation. It means 
that superplasticity is generally encountered in con- 
ditions where GB sliding and grain deformation 
by dislocation glide occur simultaneously. This is 
possible in a limited range of strain rates usually 
between 10 3 and 10 1 sec-~; the superplastic domain 
tends to drift to higher rates when d decreases. 

3.2, Influence of geometrical factors 
3.2. 1. Shape of the grains 
The theoretical creep rates given by the equations 
gathered in Table III are valid for equiaxed grains. 
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Figure 2t The effect of  grain aspect ratio L/l, in dispersion strengthened nickel alloys on strength properties at 1093 ~ C: (a) 0.2% offset yield 
strength; (b) 100 h rupture stress; (c) stress to give a min imum creep rate at l0 -4 h - t  , Open points are recrystallized and closed points are 
non-recrystallized alloys [18]. 

When the grains are elongated parallel to the applied 
stress, an important fraction of the GB area is not 
exposed to any significant stress, the contribution of 
GB sliding to the deformation process is then reduced. 
Wilcox and Clauer [25] have shown that, in dispersed- 
phase alloys with elongated grains there was no 
relation between the high temperature strength and 
the transverse grain size. The mechanical strength was 
in fact an increasing function of the grain aspect ratio 
(GAR = L/I). Fig. 21 illustrates the drastic influence 
of the GAR on the strength at 1093~ in thoriated 
nickel. 

Elongated grains are thus expected to give better 
strength above 0.5 Tm than equiaxed grains. Such a 
microstructure can be obtained, either by appropriate 
thermo-mechanical treatments such as hot extrusion 
and directional recrystallization in ODS alloys, or by 
directional solidification in the case of y-?' nickel 
alloys. 

More recently Arzt and Singer [70] have illustrated 
the beneficial contribution to creep properties of 
factors such as elongated grain shape, boundary wavi- 
ness and oxide dispersion strengthening. They showed 
that together with an improved rupture life, a t r an -  
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Figure 22 Change of fracture mode with G A R  in M A 6000 nickel 
alloy creep tested at 950 ~ C under 230 M N m  2 [70]. 
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sition from intergranular to transgranular fracture 
was observed (Fig. 22) on Iconel MA 6000 alloy when 
the GAR exceeded a critical value of about 20, and 
interpreted it as an effect of creep damage accumu- 
lation in longitudinal grain boundaries. 

3.2.2. Structure of  the grain boundaries 
GB sliding can be reduced by introduction of anchor- 
ing obstacles within the boundary. Among the most 
potent obstacles let us mention carbides and serrated 
grain boundaries. An example of the improvement of 
creep resistance by GB carbides in Nimonic 115 is 
given in Fig. 23. Furillo et al. [71] showed that it was 
possible to reduce the amount of GB sliding during 
high temperature creep by increasing the volume frac- 
tion of M 2 3 C  6 carbides in the grain boundaries. How- 
ever, from these results it is not possible to decide 
whether the introduction of GB carbides completely 
inhibited GB stiding or whether it altered the defor- 
mation process into a dislocation creep mechanism. 

The improvement of creep rupture life due to serra- 
tions on grain boundaries is well known (Fig. 24), 
these serrations should make GB sliding more difficult 
and increase the path for GB diffusion. However, their 
influence was studied mostly in pre-cracked samples 
[72] and will be described in the next section. 

3.3. Ef fect  of  gra in size on h igh  tempera tu re  
crack g r o w t h  

Crack growth behaviour has received increasing 
attention in recent years since it determines the failure 
of high temperature industrial alloys. The time- 
dependent crack growth in the creep range is not 
fully understood, a review of the main models is given 
by Sadananda and Shahinian [73]. It is likely that, 
in most cases, crack growth occurs by a coupled 
diffusion-deformation mechanism. Several models 
correlate the crack growth rate da/dt to creep rate 
[74, 75], so that under the experimental conditions 
where GB sliding is dominant da/dt is proportional to 
d-"  in a way similar to the steady-state creep rate, i S . 
Thus, the creep rupture strength improves when d 
increases, An example in alloy IN 792 is shown in 
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Figure 23 Influence of  grain boundary carbides on the creep rate of 
Nimonic 115 [71]. ~r = 517MPa, d = 75#m. 

Fig. 25; the value of the initial stress intensity necess- 
ary to produce failure in 100h at 704~ is plotted as 
a function of grain size [72]. Also in IN.792, the higher 
creep crack growth resistance obtained with serrated 
grain boundaries is clearly stigmatized on Fig. 24. 
These results in IN 792 are consistent with the model 
of Floreen and Kane [75]: in this model fracture 
propagates when the local strain ahead of the crack tip 
reaches a critical value, eo. In a number of Ni-based 
superalloys, the stress intensity to produce failure 
during creep can be expressed as: 

K = 13EY5 o + 0.3EYScdl 1/2 (13) 

where E is Young's modulus, Y the yield strength, 50 
the crack opening displacement, and d the grain size. 
e~ depends on the shape of the grain boundary, it takes 
on a value of 0.1 for smooth grain boundaries and 0.3 
for serrated grain boundaries. 

In conclusion grain refinement reduces the creep life 
of superalloys by increasing at the same time the 
secondary creep rate and the crack growth rate. This 
effect, illustrated by the results on IN 100 given in 
Fig. 26, is aggravated at high temperature. 
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Figure 25 Value of initial stress intensity to produce failure in 100 h 
at 704 ~ C against grain size IN 792 [72]. (O) Cast and wrought, (o) 
extruded powder. 

4.  C y c l i c  d e f o r m a t i o n  a t  r o o m  

t e m p e r a t u r e  
A reduction in grain size has opposite effects on crack 
nucleation and crack propagation, Indeed, a small 
grain size promotes a more homogeneous deformation: 
this effect is known to retard crack nucleation by 
reducing stress concentrations. The influence of grain 
size on crack initiation is thus expected to be highest 
in alloys with a tendency for heterogeneous defor- 
mation, i.e. alloys with shearable precipitates and 
solid solutions with a low stacking fault energy. In PM 
Ni-based alloys the number of cycles for nucleation is 
increased by one order of magnitude when going from 
180 to 70#m sized powders [77]. Similarly in alu- 
minium alloys containing shearable precipitates, the 
detrimental effect of precipitate free zones is reduced 
at small grain sizes [78] due to the smaller slip length, 
the same effect is expected in 7' hardened nickel alloys. 
On the contrary, as shown in Fe-Ni  [79] it seems that 
fatigue cracks grow more quickly as the tendency for 
homogeneous slip is more pronounced. The growth 
rate, daMN, of the fatigue cracks is usually expressed 
as a function of the alternating stress intensity AK. In 
a logarithmic plot the da/dN against AK curve is 
sigmoidal in shape with three stages (Fig. 27): Stage A 
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Figure 24 Time to failure at 704 ~ C against initial intensity for a heat 
of IN 792 with either smooth or serrated grain boundaries [72]. 
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threshold in Nimonic AP1 [80]. 

near the threshold AKth and Stage C near the final 
rupture are very sensitive to the microstructure and 
especially to grain size. Experimental results are often 
difficult to interpret because of  the cumulative influ- 
ences of grain size on one hand and of microstructural 
features such as the size and volume fraction of pre- 
cipitates on the other. For  instance, in a 7'-hardened 
alloy such as Waspaloy, an increase in grain size is 
equivalent to a decrease in precipitate size [81]. 

The threshold AK~c seems to decrease significantly 
with d as shown in Fig. 27 for Nimonic AP1 (a Ni- 
based alloy with 45% 7'): AK~c drops down from 
12MNm -3/2 for d =  50/~m to 6 M N m  -3/2 for 
d = 10#m [80]. However, in many Ni-based alloys 
[62, 82] near-threshold crack growth proceeds by 
propagation along slip bands. The sharp changes in 
the crack path that takes place when reaching grain 
boundaries produce rough fracture surfaces especially 
in materials with larger grain sizes. Venables et al. [83] 
recently pointed out that the shift in the threshold 
value with grain size was observed only in Astroloy 
for large load ratios (0.8) when crack closure problems 
may take place on rough surfaces. The effect of grain 
size on the propagation threshold should thus be con- 
sidered as indirect. 

In a pure f c c  metal such as copper, the effect of 
grain size is very small and conflicting results are 
reported by Lukas and Kung [84] who seem to observe 
a d 1/2 dependence of AK crack propagation threshold 
AKth whereas Higo et al. [31] suggest a relation such as 

AKth = A + Bd- ' /2  (14) 

in pure copper as well as in Cu-AI alloys, where both 
A and B increase with increasing aluminium content, 
i.e. with decreasing SFE and more planar-type plastic 
deformation. 
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Figure 28 Interaction between grain size and the dislocation struc- 
ture at the tip of the crack in (a) small grain material and (b) large 
grains [85]. 

Although results are too scarce to allow definite 
conclusions it seems that the sensibility of the crack 
growth rate to grain size decreases when the 7' volume 
fraction of precipitates goes down: in Waspaloy where 
the volume fraction is of the order of 25%, the shift of 
the d a / d N  against AK curve when the grain size goes 
from 15 to 120 #m is apparently much smaller than in 
Nimonic AP1 with 45% volume fraction 7'. 

All the results obtained in nickel alloys agree with 
those found in aluminium or titanium alloys [74, 85] 
and in steels [86]. The rationale for the observed effect 
is based on the comparison between the grain size and 
the radius of the reverse plastic deformation zone, 
R -~ 0.05 (AT/~y) 2. As suggested by Hornbogen and 
Zum Gahr [79] and by Lindigkeit et al. [85], a reverse 
slip of the dislocations during unloading is possible if 
R < d so that the accumulation of damage is small 
during cycling; however at small grain sizes (d < R), 
dislocations are trapped by grain boundaries on 
secondary slip systems. This reduction in the number 
of backward moving dislocations (Fig. 28) causes an 
accumulation of  damage. 

As the radius of the plastic zone increases with AK 
a transition from a large grain size behaviour to a fine 
grain size behaviour can be expected in alloys with a 
medium grain size. According to King [80], this is the 
case in a number of Ni-based, Fe-based and Ti-based 
alloys. At the transition, a step is observed in the 
d a / d N  against AK curve and there is a change from a 
faceted crystallographic fracture mode to a striated 
fracture surface (Fig. 27). 
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